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Both theoretical analysis and transmission electron microscopy (TEM) complementary

studies have been conducted to evaluate the possible role of subgrain formation as

a strengthening mechanism in a nanocomposite consisting of Al2O3 and 5 vol % 0.15lm SiC

particles. The theoretical calculation predicted that the residual stresses due to thermal

expansion mismatch between Al2O3 and SiC are insufficient to induce the extensive plastic

deformation required for subgrain formation upon annealing. This prediction was consistent

with TEM observations that the bulk of the material was completely free from subgrains, and

that only a low density of dislocations was present in isolated areas. The results suggest,

therefore, that microstructure refinement through subgrain formation cannot account for the

superior mechanical behaviour of the nanocomposite reported in previous studies.

TEM examination of the ground surfaces revealed significant plastic deformation in both

single phase Al2O3 and the nanocomposite. Upon annealing at 1300 °C for 2 h, dislocation-

free subgrains were formed in Al2O3, whereas a high density of tangled dislocations were

present in the nanocomposite. These observed differences are consistent with the fact

that during annealing, residual stress relaxation is more difficult in the nanocomposite than

in Al2O3.
1. Introduction
Niihara et al. [1—3] were the first to demonstrate that
the incorporation of submicron SiC particles can sig-
nificantly improve the mechanical behaviour of
Al

2
O

3
. Specifically, the addition of as little as 5 vol %

0.3lm SiC not only increased the unindented strength
from 380 to 1000MPa, but also improved the tough-
ness from 3.25 to 4.7MPam1@2. Thermal annealing at
1300 °C for 2 h further enhanced the nanocomposite
strength to over 1500MPa. Subsequently, Zhao et al.
[4] studied the room-temperature mechanical behavi-
our of this system. These workers confirmed that the
nanocomposite exhibited superior mechanical proper-
ties compared with Al

2
O

3
, but only when both materi-

als had been hot pressed and subjected to industrial
machining and subsequent annealing. Annealing for
2 h at 1300 °C increased the unindented strength of the
nanocomposite from 760 to 1000 MPa. In contrast,
the apparent toughness of the nanocomposite (derived
from indented strength values) slightly decreased after
annealing, although it was still higher than the tough-
ness of the machined/annealed Al

2
O

3
.

As well as the discrepancy between the reported
magnitude of mechanical property improvement at-
tainable in the nanocomposite materials [1, 4—6], un-
certainty remains over the mechanism(s) behind the
beneficial effects of the SiC particles and the sub-
sequent annealing treatment. One interpretation [7, 8]

is that the strengthening effects are largely due to

0022—2461 ( 1997 Chapman & Hall
microstructure refinement through subgrain forma-
tion. In this mechanism, it is proposed that local
residual stresses, due to the mismatch of thermal ex-
pansion coefficients between Al

2
O

3
and SiC, are

sufficiently large to generate a high density of dis-
locations in the Al

2
O

3
matrix. During sintering, the

dislocations pin and pile up at SiC particles to
form networks, which in turn evolve into sub-grain
boundaries. These sub-grain boundaries become more
extensive after annealing, resulting in the refinement of
matrix Al

2
O

3
grains.

In contrast, Zhao et al. [4] have argued that the
improved mechanical behaviour in the nanocom-
posite comes from surface compressive residual stres-
ses developed during the machining process. They
proposed that on annealing, the intrinsic strength in
the nanocomposite increases due to the healing of
machining-induced cracks. Further, in the nanocom-
posite, most of the apparent toughening is retained
upon annealing because the surface residual stresses
are only partially relaxed. The implicit hypothesis
in this argument is that during annealing of the
nanocomposite, cracks are able to heal more easily,
but that residual stress relaxation is more difficult.
A recent study by Thompson et al. [9] has indeed
shown that upon annealing, indentation-induced
cracks healed in the nanocomposite, but cracks grew
in single phase Al O . Furthermore, employing a
2 3
novel indentation technique, Fang et al. [10] provided
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strong evidence that annealing at 1300 °C for 2 hours
completely relaxed residual stresses in single phase
alumina, but only partially relieved the stresses in the
nanocomposite.

One objective of the present work was to test the
subgrain formation hypothesis using two approaches.
The first approach was to calculate the maximum
theoretical residual stresses that could arise due to
thermal expansion mismatch, and then to compare the
magnitude of these stresses with those required to
activate different types of dislocation motion in
alumina. In the second approach, transmission elec-
tron microscopy (TEM) was employed to directly ob-
serve the dislocation structure within the interior of
the nanocomposite. In addition, it was decided to
investigate the microscopic mechanism for the differ-
ence in the residual stress recovery between Al

2
O

3
and the nanocomposite. For this purpose, TEM was
again applied to examine the ground surfaces under
both unannealed and annealed conditions. The over-
all goal of the present work, therefore, was to shed
light on the strengthening mechanism in nanocom-
posite materials.

2. Experimental procedure
Materials used in the current study were single phase
Al

2
O

3
and nanocomposite consisting of Al

2
O

3
and

5 vol% 0.15lm SiC prepared using hot pressing and
pressureless sintering. One group of nanocomposites
was annealed at 1300 °C for 2 h in an argon atmo-
sphere. Details of material preparation have been re-
ported elsewhere [11].

The microstructure within the interior of the sam-
ples was characterized on both hot-pressed and pres-
sureless-sintered nanocomposites. Slices (thickness
\500lm thick) were cut using a low-speed diamond
saw from bulk samples and ground to 200lm using
a diamond grinding wheel. Discs (\3mm diameter)
were ultrasonically cut from the slices, and further
reduced to about 100lm by sequentially grinding and
polishing down to a 1lm finish. The disks were fur-
ther dimpled from one side to a thickness of \50 lm
using 0.03 lm diamond paste. Finally, thin foils were
prepared by ion-beam thinning the discs from both
sides at a voltage of 4.5 kV and an incident beam angle
of 12.5°.

The microstructure characterization of the ground
surface was carried out for the hot-pressed single
phase Al

2
O

3
and the nanocomposite. Bulk samples of

these two materials were simultaneously ground with
15lm diamond compound. Each sample was cut into
two pieces, one of which was subsequently annealed
at 1300 °C for 2 h in flowing argon. TEM thin foils
were prepared following the procedure described
above. In order to retain the original polished surface,
however, each thinning step was carried out from only
one side.

Some difficulty was encountered in preparing thin
foils containing the machined surface. During ion-
beam thinning, thinned central regions began to bow
out (the original mechanically machined surface al-

ways on the convex side). On further thinning, radial
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cracks initiated and were arrested within the thicker
surrounding regions. Because of the afore-mentioned
severe bending and cracking, only limited regions of
sample which were electron transparent could be ob-
tained. Upon annealing at 1300 °C for 2 h, bending
and cracking still occurred in the nanocomposite, but
not in Al

2
O

3
. From the above observations we can

infer that machining introduces compressive residual
surface stresses, and that annealing relaxes the resi-
dual stresses almost entirely in Al

2
O

3
, but only par-

tially in the nanocomposite.
Following carbon coating, all thin foils were exa-

mined using a Phillips EM 400 scanning transmission
electron microscope operated at an accelerating volt-
age of 120 kV.

3. Results and discussion
3.1. Residual stress calculation

For materials containing a particulate second
phase, on cooling from the processing temperature,
residual stresses will be developed due to differences in
the thermal expansion and elastic constants between
the matrix and the particle. Assuming that the particle
is spherical, residual stresses in the matrix can be
described by the following well-established equation
derived by Selsing [12]
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where r
33

is the radial compressive and rhh the tangen-
tial tensile component of the matrix stress. R is the
radius of the particle and r the distance from the centre
of the particle. The parameters a

.
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1
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.
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1
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are the thermal expansion coefficients, Poisson’s
ratios and Young’s moduli of the matrix and particle,
respectively. Equation 1 is a modified form of Selsing’s
equation based on the assumption that a

.
, a

1
, E

.
, E

1
,

m
.

and m
1

are constant through the cooling temper-
ature range. Equations describing the temperature
dependence of these materials parameters are listed in
Table I. ¹ is the temperature of interest on cooling
down from the processing temperature, and ¹

R
is the

temperature above which the stresses are completely
relaxed through creep processes. In previous studies
involving thermal residual stresses in Al

2
O

3
/SiC com-

posites [16—19], designated values of ¹
R

range from
1000 to 1250 °C. This choice of ¹

R
is consistent with

the experimental measurement of residual thermal
strain in a composite of Al

2
O

3
reinforced with SiC

whiskers by Majumdar et al. [20, 21] using a neutron
diffraction technique. These workers found that the
residual strain within the SiC whiskers significantly
reduced with increasing temperature up to 1000 °C,
and approached a value of zero at about 1250 °C when
extrapolated linearly. In the present calculation, the
upper limit temperature was used, i.e. ¹

R
"1250 °C.

However, it should be emphasized that using any
temperature in the range from 1000 to 1250 °C does

not significantly alter the results obtained here.



TABLE I Coefficient of thermal expansion (CTE), Young’s modulus and Poisson’s ratio of Al
2
O

3
and SiC as a function of

temperature

Al
2
O

3
SiC

CTE (10~6 °C~1) a
.
"7.04#3.92]10~3 ¹!0.66]10~6¹2 ! a

1
"3.53#2.91]10~3 ¹!0.64]10~6¹ 2 "

Young’s modulus E
.
"410[1!1.25]10~4 (¹!25)]# (GPa) E

1
"440[1!0.45]10~4 (¹!25)]$ (GPa)

Poisson’s ratio m
.
"0.23[1#0.56]10~4 (¹!25)]# m

1
"0.17[1!0.64]10~4 (¹!25)]%

¹ temperature measured in °C.
! (25—1600 °C) [13].
" (25—2500 °C) [13].
# (25—1300 °C) [14].
$ (25—1000 °C) [15].

% calculated using m"E/2G!1 where G is the shear modulus.
Clearly, the residual stresses increase with decreas-
ing distance from the particle, and reach a maximum
value at the interface between the matrix and the
particle (r"R)
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According to Von Mises’s criterion, yielding will occur
when s

3%4
, the maximum shear stress, due to the resi-

dual stresses exceeds the yield stress
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where r
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are normal stresses, and s
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s
:;

and s
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shear stresses. For a three-dimensional
spherical particle in the matrix
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Substituting from Equations 4 and 2 into Equation
3 results in the following simple form for the max-
imum residual shear stress
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Fig. 1 shows the maximum residual shear stress s
3%4

as
a function of temperature in the Al

2
O

3
matrix for

a Al
2
O

3
/SiC composite. The results take into account

the dependence of a, m and E on temperature, and
were calculated using a numerical method. For com-
parison, Fig. 1 also includes the temperature depend-
ence of the yield stress required for basal and prismatic
slip, and for the rhombohedral twinning in
Al

2
O

3
[22]. Three features are evident from the figure:

(1) over all temperatures, the residual shear stress is
always less than the yield stress for prismatic slip; (2)
for most temperatures, the residual shear stress is
higher than the yield stress for rhombohedral twinn-

ing; and (3) for temperatures ranging from about 900
Figure 1 Graph showing the calculated temperature dependence of
the maximum residual shear stress q

3%4
in the Al

2
O

3
matrix due to

thermal expansion mismatch for the Al
2
O

3
/SiC nanocomposite.

Included also is the temperature dependence of the yield stress
required for basal and prismatic slip, and for rhombohedral twinn-
ing in Al

2
O

3
[22].

to 1100 °C, the residual shear stress is higher than the
yield stress for basal slip.

The important point here is that the magnitude of
the maximum residual shear stress is great enough to
induce basal slip, but not sufficient to activate the
prismatic slip systems in the Al

2
O

3
matrix. Since there

are only two independent basal slip systems, it is not
possible to satisfy the criterion (greater than or equal
to five independent slip systems) for extensive plastic
deformation in polycrystalline materials. In other
words, the level of the residual stresses is such that the
amount of plastic deformation is limited, and conse-
quently, it is unlikely that an extensive subgrain struc-
ture would be formed in the nanocomposite.

The magnitude of the residual stress calculated us-
ing the above theoretical analysis is consistent with
the experimental measurement by Levin et al. [23].
Clearly from the considerations of force equilibrium at
the particle—matrix interface, the compressive stress
within the SiC particle must be equal to the radial
compressive stress (r

33
)
r/R

in the Al
2
O

3
matrix. The

value of (r
33
)
r/R

was calculated from Equation 2 to be
1740MPa, which is in good agreement with the meas-
ured value (about 1780 MPa) of the residual thermal
stress inside SiC in 12 vol% SiC—Al O nanocom-
2 3
posite [23].
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3.2. TEM characterization of bulk
microstructure

To test the validity of the above theoretical calcu-
lation, TEM was used to characterize the microstruc-
ture of both hot-pressed and pressureless sintered
5 vol% SiC—Al

2
O

3
nanocomposites. Similar results

were obtained in both materials.
Fig. 2a shows a typical TEM micrograph depicting

SiC particles ranging from 10nm to 200nm dispersed
within the Al

2
O

3
matrix. While the majority of par-

ticles were located within the grains, some particles
were present at the grain boundaries. In most areas,
no deformation structure was observed. In some iso-
lated areas, dislocations were present (Fig. 2b) but the
overall density was very low.

Fig. 3a shows a bright-field image of a dislocation
network in the composite. The network consisted of
many apparently single perfect dislocations with the
majority of dislocations having the same line orienta-
tion. Elastic distortion caused by residual stresses due
to the thermal expansion mismatch precluded analysis
of the Burger’s vector of the dislocations. However,
the feature of dislocations parallel to [1 1 21 0] in
Fig. 3a suggests that the dislocations within the net-
work are screw dislocations generated by basal slip.

Figure 2 TEM bright-field images of 5 vol% SiC—Al
2
O

3
nanocom-

posite showing the absence of deformation structure in most areas
(a) and the presence of a low density of dislocations in isolated

regions (b).

3430
Figure 3 (a) showing bright-field image of dislocation network in
the nanocomposite. The beam direction is [0 0 0 1]. Higher magnifi-
cation weak-beam image (b) revealed that some dislocations were
dissociated into a pair of partial dislocations.

Similar dislocation configurations have also been ob-
served in sapphire single crystals deformed by shock-
loading [24]. These TEM observations are consistent
with the results established in some earlier work
[25—27] that slip in Al

2
O

3
occurs more easily on the

1/3S11 21 0TM0 0 0 1N systems.
Some apparently single dislocations are resolved

into pairs of partial dislocations under weak-beam
imaging (as arrowed in Fig. 3b). No attempt was made
here to identify the nature of these partial dislocations.
One possible dissociation was suggested by Kronberg
[28] as follows

1/3[1 1 21 0]P1/3[1 0 11 0]#faulted structure

#1/3[0 1 11 0]

Here, 1/3S1 0 11 0T vector corresponds to single oxy-
gen—oxygen distance in a direction of closest packing.
To confirm this dislocation dissociation, detailed dis-
location analysis (Burgers’ vector, dislocation line ori-
entation and faulted structure) would be necessary.

In rare instances, examples of twinned alumina
grains were observed (see Fig. 4). Selected area diffrac-
tion (SAD) revealed that the twin plane was (1 0 11 2),
indicating that these twins were of the rhombohedral
character. At first sight, the fact that twinning was

rarely observed would seem to be inconsistent with



Figure 4 Weak-beam micrographs from the nanocomposite showing rhombohedral twins and selected-area diffraction pattern.
the theoretical calculation that the maximum shear
residual stress is about 15 times higher than the yield
stress required for rhombohedral twinning. However,
in the nanocomposite, because the stresses decrease
very rapidly with distance, the high level of residual
thermal stresses is limited to small areas close to the
matrix/particle interface. This means that, in the bulk
of the Al

2
O

3
grains, the thermal residual stress is

much lower than the stress required for twinning.
For the bulk nanocomposite materials (both unan-

nealed and annealed), nowhere were any subgrains
observed. This agrees with other published work
[6, 29] on Al

2
O

3
—5 vol% SiC nanocomposites. It is

thus concluded that microstructure refinement through
subgrain formation in these materials [7, 8] does not
occur, and hence is not responsible for the superior
mechanical behaviour of the nanocomposite.

3.3. Microstructure of ground surface
Fig. 5a and b show the deformation structure of the

ground surfaces in Al
2
O

3
and in the nanocomposite,

respectively. Note the high densities of dislocations
produced during grinding at room temperature, indic-
ating that both materials have been subjected to se-
vere deformation. The addition of SiC particles did
not have an observable effect on the deformation
structure. The characteristic feature of the deforma-
tion structure was that the majority of dislocations
was limited to narrow linear bands delineating the
traces of the surface scratches. The density of disloca-
tions within the scratches was so high that individual
dislocations were barely resolvable. In the present
study, Burger’s vector analysis could not be carried
out due to the severe bending in the TEM samples.
However, Hockey [30] reported similar deformation
structures for polycrystalline Al

2
O

3
subjected to grin-

ding, and showed that slip occurred on both the basal

and non-basal planes.
Figure 5 TEM micrographs showing deformed structure on the
machined surface in (a) Al

2
O

3
and (b) nanocomposite.

Annealing resulted in different structures in the two
materials. For Al

2
O

3
(Fig. 6a), dislocation-free sub-

grains were observed in most areas; occasionally, how-

ever, dislocation cells, within which the dislocation
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1 High-Alumina Ceramics, (Her Majesty’s Stationery Office,
Figure 6 TEM micrographs showing that annealing resulted in (a)
dislocation-free subgrains for the machined surface in Al

2
O

3
, but (b)

a high density of dislocations in the nanocomposite.

densities were very low, were formed. However, for the
nanocomposite, the microstructure consisted of a high
density of tangled dislocations and a few scattered
dislocation cells (Fig. 6b).

We believe that in Al
2
O

3
dislocations are able to

move away from the heavily deformed areas and rear-
range to form networks. During prolonged annealing,
these networks evolve into cells or subgrains. In con-
trast, in the nanocomposite, the SiC particles inhibit
dislocation motion and rearrangement, and retard
dislocation cell/subgrain formation. A similar retard-
ing effect of particles on recrystallization has been
reported in many metal systems such as Al—5 vol %
0.3lm Al

2
O

3
[31] and Ni—2vol % 0.1lm ThO

2
[32].

These observations provide microscopic evidence
which confirms the results of previous studies
[4, 10, 33], namely that annealing completely relaxes
surface residual stresses in Al

2
O

3
, but only partially

relieves the stresses in the nanocomposite.

4. Conclusions
1. Calculations showed that the maximum residual
shear stress due to thermal expansion mismatch be-

tween Al

2
O

3
and SiC is greater than the yield stress

3432
for both basal slip and rhombohedral twinning, but
smaller than that for prismatic slip. Since there are
only two independent basal slip systems, extensive
plastic deformation, which is required for subgrain
formation, is not possible.
2. Within the interior of the nanocomposite, a very
low density of apparently basal dislocations was
observed. Occasionally, rhombohedral twins were
present. Nowhere were any sub-grains observed.
Therefore, the improved mechanical behaviour of the
nanocomposite cannot arise from microstructure re-
finement through sub-grain formation.
3. The ground surfaces contained very high densities
of dislocations in both single phase Al

2
O

3
and the

nanocomposite. Upon annealing at 1300 °C for 2 h,
the surface microstructure was predominantly charac-
terized by a large number of dislocation-free sub-
grains/cells in Al

2
O

3
, and by a high density of tangled

dislocations in the nanocomposite. This microstruc-
ture difference is reflected macroscopically in the fact
that annealing completely relaxes the surface residual
stresses in Al

2
O

3
, but only partially relieves the stres-

ses in the nanocomposite.
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